
Molecular Mobility and Glass Transition of Thin Films of
Poly(bisphenol A carbonate)
Huajie Yin,† Simone Napolitano,‡ and Andreas Schönhals*,†

†BAM Federal Institute for Materials Research and Testing, Unter den Eichen 87, D-12200 Berlin, Germany
‡Department of Physics, Universite ́ Libre de Bruxelles, Boulevard du Triomphe CP 223, Bat̂iment NO, B-1050 Bruxelles, Belgium

ABSTRACT: Glass transition behavior of thin poly(bisphenol
A carbonate) (PBAC) films capped between two aluminum
(Al) layers is investigated by means of dielectric expansion
dilatometry and dielectric relaxation spectroscopy accompa-
nied by contact angle measurements. The thermal glass
transition temperature is more or less independent of the film
thickness down to 20 nm. For thickness below 20 nm, an
increase of Tg is observed. Meanwhile, an increase of the
relaxation time at a fixed temperature is observed for the film
with the thickness of 19 nm on the basis of a careful analysis of the temperature dependence of the relaxation rates. A more
detailed analysis of the relaxation map reveals that the Vogel temperature increases and the fragility decreases systematically with
decreasing film thickness. These properties are discussed in terms of the formation of a boundary layer with PBAC segments
adsorbed onto the Al electrode due to the strong interaction between the Al and PBAC layers (2.51 mJ/m2), which results in a
reduced molecular mobility with regard to bulk PBAC behavior. As the dielectric strength is proportional to the number of
segments fluctuating on the time and length scale of the dynamic glass transition, it is used as a unique probe of the deviations
from bulk behavior. The temperature dependence of the penetration depth of the interfacial interactions on the structural
relaxation is further quantitatively determined. The dynamic length scale of the perturbations into the chain conformations
responsible for the deviation from bulk behavior is estimated to be smaller than 9 nm.

1. INTRODUCTION
Ultrathin polymer films are of considerable technological
interest in a wide range of areas ranging from coatings to
organic electronic devices. Their properties can be tuned at low
production costs. From the scientific point of view, thin
polymer films provide an ideal sample geometry for studying
the effect of nanometric confinement on the structure and
dynamics of polymers. Since the pioneering work of Keddie
and Jones on the thickness dependence of the glass transition
temperature, Tg,

1 the discussion on polymer dynamics in thin
films is in the focus of scientific research and was extended to
many other confinement-induced phenomena.2 When the
thickness of a polymer film is smaller than the radius of
gyration of the unperturbed polymer chain, such films reveal
characteristics strongly deviating from the respective bulk
properties in terms of glass transition,3 viscoelasticity,4

crystallization kinetics,5 diffusion,6 etc. The glass transition of
thin polymer films has been investigated for instance by X-ray
reflectivity,7−9 neutron scattering,10,11Brillouin light scatter-
ing,12,13 calorimetry,14−18 ellipsometry,17−24 various types of
fluorescence spectroscopy,25−28 mechanical spectroscopic
techniques,29,30 positronium lifetime spectroscopy,31,32 and
especially by broadband dielectric spectroscopy.15,17,33−37 In
spite of the large amount of data, a general theory to describe
confinement effects on polymer properties has not been
developed yet. The question of how a solid interface influences

the structure and dynamics of a polymer is still controversially
discussed.
Keddie et al. reported a decrease of the glass transition

temperature with decreasing film thickness for polystyrene (PS)
on both gold and silicon oxide substrates.1 However, dielectric
measurements38 on thin PS films do not show an obvious
dependence of the relaxation rate on the film thickness down to
few nanometers as well as the measurements performed via
atomic force microscopy (AFM) based shear modulation
spectroscopy,29 ellipsometry,17 or differential ac-chip calorim-
etry.16,39 In the case of polymers like poly(2-vinylpyridine)
(P2VP),40 poly(vinyl chloride) (PVC),41 polysulfone (PSU),37

and poly(ethylene terephthalate) (PET),42 which have rather
strong interactions with the substrates (silicon wafers or
thermally evaporated Al layers), an increase in Tg upon
reduction of the film thicknesses is observed. Also, the dielectric
strength, a quantity proportional to the volume fraction of
segments participating in the structural relaxation, decreases
strongly with decreasing film thickness,27,42,43 which is
interpreted as the effect of a reduced mobility layer.33,44

Torkelson et al.45 studied the glass transition behavior of
styrene/methyl methacrylate (S/MMA) random copolymer
films with varying S-content by intrinsic fluorescence measure-
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ments to establish different polymer−substrate interactions. It
was found that the glass transition temperature changes from a
reduction to an increase of Tg relative to the bulk value as the S-
content is reduced from 100 to 22 mol %. Such experimental
observations can be discussed in terms of an interplay between
confinement and surface effects. The confinement effect makes
the glass transition faster compared to the bulk while the
surface effect causes a decrease in segmental mobility provided
that an attractive interaction of the polymers with the solid
substrate is present. The existence of a solid substrate having
strong interactions with the polymer film will decrease the
configurational space available for the polymer chain to perform
transitional motions or Brownian movements. Frictional forces
between the polymer and substrate also hinder the segmental
movement.46 Fryer et al.47 reported a direct correlation
between the substrate/polymer interaction, γsp, and the change
of Tg compared to the bulk. For low values of the interfacial
energy (γsp < 2 mJ/m2), the Tg of the thin polymer films is
lower than the corresponding bulk value. For high values of the
interfacial energy (γsp > 2 mJ/m2), the Tg of the thin polymer
films is higher than that of the bulk. On the other hand, it was
also pointed out that the polymer−surface interaction energy is
not the only parameter which contributes to the thickness
dependence of the glass transition temperature. In addition to
that, the preparation of the sample, like annealing conditions,
may also affect the glass transition temperature.48,49 Moreover,
the density of the segments close to the surface and/or polymer
microstructure should be taken into consideration.50,51

Although polycarbonate is a commercially important
polymer, there are only few investigations with regard to its
behavior in ultrathin films. Incoherent neutron scattering
measurements were performed on thin supported (Si wafer
with a native SiO2 surface) polycarbonate films by Soles et
al.10,11 At temperatures above Tg the mean-square displacement
is strongly reduced compared to the bulk and decreases with
decreasing film thickness. Moreover, the localized fluctuations
in the glassy state are also increasingly suppressed as the layer
thickness decreases. Green et al.52 studied thin tetramethylbi-
sphenol-A polycarbonate (TMPC) films spin-coated on silicon
substrates (with 2 nm native SiOx layer) by ellipsometric
measurement, which revealed that the Tg of TMPC films
increases with decreasing film thickness. X-ray reflectivity
measurements show a reduction in the glass transition

temperature with decreasing film thickness for hydrophilic
silicon oxide substrates (ca. −20 K).53 This is confirmed by
positron annihilation lifetime spectroscopy.54 For hydrophobic
passivated silicon substrates Tg is more or less independent of
the layer thickness.53 Torkelson et al. report a Tg reduction with
decreasing film thickness by employing fluorescence spectros-
copy.55

In this contribution, dielectric relaxation spectroscopy is
employed to investigate the molecular dynamics of ultrathin
polycarbonate films where polycarbonate is capped between
aluminum layers in detail. In addition to that, contact angle
measurements were employed to confirm the strong interaction
energy between aluminum and polycarbonate.
On the basis of the experimental work, it can be concluded

that the molecular mobility and glass transition of thin
polycarbonate films capped between the aluminum layers
show a deviation from the bulk behavior when the film
thickness is smaller than 20 nm. Such deviation is caused by the
formation of an interface layer with a reduced molecular
mobility due to the strong interaction between polycarbonate
and aluminum layers. The nonlinear reduction of the dielectric
strength with thickness suggests the presence of a strong
gradient of molecular mobility along the distance from the
metallic interfaces.The temperature dependence of the
penetration depth of the interfacial interactions on the
structural relaxation is further determined. The dynamic length
scale of the perturbations into the chain conformations
responsible for the deviation from bulk behavior is estimated
based on the broadening effect of the α-peaks with decreasing
film thickness.

2. EXPERIMENTAL SECTION
Materials and Sample Preparation. Poly(bisphenol A carbo-

nate) (PBAC, Aldrich Chemical Co.) with a molecular weight of Mw =
22 000 g/mol and a polydispersity index of 1.23 is used in this study.
The chemical structure is given in the inset of Figure 1a. The glass
transition temperature Tg of the bulk material determined by DSC is
153.0 °C (426.2 K; heating rate 10 K/min; second heating run).

For the dielectric measurements the thin films were prepared
between two thin aluminum electrodes where glass slides with size of
10 × 10 × 1 mm were used as substrate. The procedure to clean the
substrates is described in detail in ref 37. In brief, the slides were first
cleaned in an ultrasound alkaline bath at 333 K for 15 min followed by
a second ultrasound bath with ultrahigh purified water (Millipore,

Figure 1. (a) Dielectric loss vs temperature for bulk PBAC at a frequency of 1 kHz. The line is a guide for the eyes. The inset gives the chemical
structure of polycarbonate. (b) Dielectric loss versus frequency for the β-relaxation at T = 198.2 K. The solid line is a fit of two HN-functions to the
data. The dashed line is the contribution of the π-flips of the phenyl rings, and the dotted-dashed line gives the contributions of the rotations of the
phenyl rings.
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resistivity >18 MΩ/cm). Then the glass plates were first rinsed in
acetone and second in chloroform (both solvents Uvasol quality).
After that, the substrates were dried in a nitrogen flow. An aluminum
strip (width 2 mm, height ca. 60 nm) was deposited onto the glass
substrate by thermal evaporation in an ultrahigh vacuum (10−5 mbar).
After the evaporation of this first electrode the plates were again rinsed
in acetone and chloroform. Subsequently, thin films with various
thicknesses were obtained by spin-coating the filtered (minipore, 0.2
μm) solutions of PBAC in dichloromethane (5000 rpm, 50 s). The
film thickness was varied by changing the concentration of the
polymer solution. After spin-coating, all samples were annealed at 443
K (Tann = Tg,Bulk + 17 K) in an oil-free vacuum for 24 h in order to
remove the residual solvent and stress induced by the spin-coating
procedure56 and, meanwhile, to ensure the same well-defined thermal
histories of all samples before the experiments. AFM topography
images before and after the annealing procedure further show that
down to 10 nm the film had a low roughness and no sign of dewetting
was observed.
The preparation of the sample capacitor was finished by the

evaporation of the counter electrode on the top of the polymer film in
an ultrahigh vacuum (10−5 mbar). In general the evaporation of metals
can damage the polymer surface as discussed in ref 21. To minimize
the diffusion of metal atoms into the film and to avoid a damage of the
polymer, a so-called flash evaporation (>30 nm/s) was applied. It is
known that under these conditions a sharp and smooth metal/polymer
interface is obtained.57 It should be noted that a thin aluminum oxide
layer (1−2 nm) might be formed at the bottom electrode.58 This layer
can influence the dielectric behavior, but equivalent circuit models can
be applied to estimate its influence.
The film thickness d was determined by measuring the real part of

the sample capacitance C′ in a temperature and frequency region rarely
affected by dielectric dispersions (T = 298 K, f = 1 kHz). It holds

=
ε ε′

′
d

A
C

0
(1)

with ε0 the permittivity of free space and A the electrode area (4
mm2). ε′ is the permittivity of the bulk sample estimated to be 3 at T =
298 K for 1 kHz. For a few samples this procedure was checked by the
absolute thickness measurements by atomic force microscopy.
The corresponding bulk sample was obtained by casting a polymer/

dichloromethane solution (15 wt %) on a polished glass substrate. To
control the initial evaporation of the solvent from that thick film, the
glass plate was placed in a closed chamber. To remove the residual
solvent, the bulk sample was annealed under the same conditions as
for the ultrathin films (Tann = Tg,Bulk + 17 K in an oil-free vacuum (10−3

mbar) for 24 h. The sample thickness was 60 μm.
Methods. A high-resolution ALPHA analyzer (Novocontrol) is

used to measure the complex dielectric function ε*( f) = ε′( f) − iε″( f)
( f = frequency, ε′ and ε″ = real and imaginary part of the complex
dielectric function, i = (−1)1/2) in the frequency range from 10−1 to
107 Hz. The temperature was controlled by a Quatro Novocontrol
cryosystem with a stability better than 0.1 K. For more details see ref
59. During the whole measurement the sample was kept in a pure
nitrogen atmosphere.
To estimate the interfacial energy between aluminum oxide AlOx

and polycarbonate, contact angle measurements were carried out. The
measurements were carried out using an automated contact angle
system G2 (Krüss) employing the static sessile drop method. The
probe liquids used were ethylene glycol, formamide, and water. Usually
8 drops with a volume of 3 μL were dropped onto the surface of the
sample or the substrate. The reported contact angles were calculated
from the average of at least 6 drops.

3. RESULTS AND DISCUSSION
As known in the literature, bulk polycarbonate shows at least
two relaxation processes indicated by peaks in the dielectric loss
ε″ (see Figure 1a). The β-relaxation (sometimes also called γ-
relaxation) at low temperatures is assigned to localized
fluctuations.60 At temperatures higher than the β-process, the

α-relaxation (dynamic glass transition) takes place. The paper is
organized as follows. First, the dielectric properties of bulk
polycarbonate are briefly discussed. Second, the thermal and
dynamic glass transition of ultrathin films of supported PBAC
films are discussed in detail by employing dielectric diletometry
expansion and dielectric spectroscopy. Third, the influence of a
nanometer confinement on the β-process of polycarbonate is
commented.

Dielectric Relaxation of Bulk Polycarbonate. Recently,
the β-relaxation of polycarbonate was investigated systemati-
cally by dielectric relaxation spectroscopy and neutron
scattering.61,62 It was found that the β-relaxation consists at
least of two processes.61 (In ref 61, a third relaxation process
with a weak intensity is further discussed.) This is also found
for the PBAC investigated here (see Figure 1b). The carbonyl
group is the only polar structure in the repeat unit of PBAC and
should be therefore involved in the β-relaxation. But there are
longstanding discussions that the phenyl ring should be
involved in that relaxation process.63,64 A detailed comparison
of the dielectric data with the results obtained from NMR and
neutron scattering yields to the conclusion that the low-
frequency part of the β-process is also related to the phenylene
π-flips, and the 90° rotation of the phenylene rings became
dominant in the high-frequency flank of the loss peak part.61 It
was further concluded that both processes are strongly coupled.
The model function introduced by Havriliak/Negami65 (HN

function) is used to analyze the dielectric measurements
quantitatively. It reads

ε* ω − ε = Δε
+ ω ω

∞ β γi
( )

(1 ( / ) )
HN

0 (2)

where ω0 is a characteristic frequency related to the frequency
of maximal loss f p (relaxation rate). Δε denotes the dielectric
strength. ε∞ describes the value of the real part ε′ for ω≫ ω0. β
and γ are fractional parameters (0 < β ≤ 1 and 0 < βγ ≤ 1)
characterizing the shape of the relaxation time spectra. From
the fit of the HN function to the data the relaxation rate f p and
the dielectric strength are determined and further discussed.
Conduction effects are treated in the usual way by adding a
contribution ε″cond = σ0/[ω

sε0] to the dielectric loss where σ0 is
related to the specific dc conductivity of the sample. The
parameter s (0 < s ≤ 1) describes for s = 1 Ohmic and for s < 1
non-Ohmic effects in the conductivity. If two relaxation
processes are observed in the experimental frequency window,
a sum of two HN functions is fitted to the experimental data.
For details see ref 66. An example for that procedure is given in
Figure 1b, where two HN functions are fitted to the data of the
β-relaxation of polycarbonate.
Figure 2 gives the temperature dependence of the relaxation

rates for the α-relaxation for bulk polycarbonate. As is known
for glassy dynamics, f p,α(T) is curved versus 1/T which can be
described by the Vogel−Fulcher−Tammann (VFT) equation67

= −
−

= −
−

∞

∞

f f
A

T T

f
DT

T T

log log

log
ln(10)

p
0

0

0 (3)

f∞ and A are parameters where T0 is called ideal glass transition
or Vogel temperature which is found 30−70 K below the
thermal glass transition temperature. D is the so-called fragility
parameter or fragility strength and provides among others a
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useful quantity to classify glass-forming systems.68,69 Polymers
are called “fragile” if their f p(T) dependence deviates strongly
from an Arrhenius-type behavior and “strong” if f p(T) is close
to the latter.
For the two components of the β-relaxation the temperature

dependence of the relaxation rate obeys the Arrhenius equation
(see inset of Figure 2)

= −∞f f
E

k T
log log

ln(10)
p

A

B (4)

where EA is the activation energy and kB is the Boltzmann
constant. The following activation parameters are estimated:
phenyl ring rotations, EA = 29.9 kJ/mol; log( f∞ [Hz]) = 11.8;
phenyl ring π-flips, EA= 39.8 kJ/mol; log( f∞ [Hz]) = 12.7.
These values are in agreement with data from the literature.61

Dielectric Expansion Dilatometry. Dielectric expansion
dilatometry relies on the analysis of the temperature depend-
ence of the dielectric permittivity ε′(T) for thin films under the
assumption that no dielectric active processes take place in the
selected frequency and temperature range. Its theoretical basis
is considered in detail in ref 70. The real part of the permittivity
can be expressed by ε′( fe,T) = ε∞(T) + Δε( fe,T) where Δε is
related to a dielectric dispersion due to molecular fluctuations,
ε∞ is the real part of the permittivity in the high frequency limit,
and fe is the detection frequency. For a parallel plate capacitor
in the described thin film geometry the temperature depend-
ence of the geometrical capacitance C0(T) = ε0[A/d(T)] ∼
ε0(A/dR)(1 − α(T)ΔT), where ΔT is a temperature change
with regard to a reference temperature TR (T = TR + ΔT), d(T)
is the thickness of the film in dependence of the temperature
(dR = d(TR)), and A is the electrode area.70 α(T) is the thermal
expansion coefficient normal to the film surface. If the detection
frequency fe is set to such a value that no relaxation process is
present (Δε ≈ 0), the temperature dependence of ε′ is given by
ε′(T) = ε∞(T) ∼ ε∞(TR)(1 − α(T)ΔT). For polymers with a
relatively weak dipole moment like polycarbonate this approach
can be used to estimate a thermal glass transition temperature
Tg from the change in the temperature dependence of ε′ at
sufficiently high frequencies, i.e., outside the appearance of the
α-relaxation.

Figure 3 gives the temperature dependence of ε′ normalized
to the value at T = 380 K to get rid of temperature change due

to the β-relaxation for several film thicknesses. For all values of
the film thickness the real part of the complex permittivity
decreases with increasing temperature up to a given temper-
ature where the temperature dependence of ε′ changes. This
change in the temperature dependence of ε′ is due to the
change of the expansion coefficient at the thermal glass
transition as discussed above. The initial deviation of the
dielectric permittivity from a linear temperature is used to
extract the thermal glass transition temperature (see Figure 3),
which is plotted versus the thickness of the layer in Figure 4.
The increase of ε′ at higher temperatures is due to the
contribution of the α-relaxation.
Figure 4 shows that down to a film thickness of ca. 20 nm Tg

is more or less independent of the film thickness or increases
slightly. For thicknesses lower than 20 nm an increase of Tg
with decreasing d is observed. This behavior is quite similar to
that found for polysulfone37 and points to a strong interaction
of polycarbonate with the aluminum substrates which leads to
the formation of an adsorbed boundary layer with a reduced
mobility.

Dielectric Spectroscopy on Thin Films. Different from
the dielectric spectroscopy on bulk samples discussed above for
the thin film geometry one has to consider that the resistance R
of the Al electrodes cannot be neglected. This resistance leads
to an artificial loss peak (electrode peak) on the high-frequency
side of the spectra with a time constant τRes = RC′ (C′ = sample
capacity). The electrode peak shifts to lower frequencies
because with decreasing film thickness the sample capacity C′
increases. The frequency dependence of the electrode peak
obeys a Debye function. For optimized sample geometries the
maximum position of this electrode peak f Res ∼ 1/τRes can be
shifted outside the experimental accessible frequency window.
Therefore, the Debye function can be approximated by its low-
frequency tail, and the complete function reads as

Figure 2. Relaxation rate fp,α vs 1/T for the α-relaxation of bulk
polycarbonate. The line is a fit of the VFT equation to the data. The
inset gives fp,β vs 1/T for the both components of the β-relaxation of
bulk PBAC: diamond, phenyl ring rotations; square, phenyl ring π-
flips. The lines are fits of the Arrhenius equation to the corresponding
data. Figure 3. Temperature dependence of the dielectric permittivity ε′

normalized with respect to its values at T = 380 K for a frequency of
105 Hz for different film thicknesses d: filled triangles, bulk; filled
squares, 198 nm; filled stars, 47 nm; filled circles, 13 nm. The solid
lines are linear fits of the data. The arrows indicate the values of Tg.
The open circles are data for the 13 nm film measured for a frequency
of 104 Hz. It is shown that the effect of the dielectric dispersion is quite
weak above 104 Hz.
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ε* = ε* ω + σ
ω ε

+ *ωi iB( ) sFit HN
0 (5)

where B is a fitting parameter mainly related to τRes. Figure 5
gives an example for the analysis of the dielectric spectra of a
thin polycarbonate film with a thickness of 47 nm.

The thin polycarbonate films show a relatively strong
conductivity contribution. Therefore, the analysis of the
dielectric spectra is restricted to higher frequencies and to a
narrower temperature range compared to the bulk sample. The
reason for the enhanced conductivity contribution might be an
arrangement of the phenyl rings parallel to the electrodes.
In Figure 6, the relaxation rate f p,α is plotted versus 1/T for

different film thicknesses. Besides for the lowest layer thickness
all other data are collapsing into one chart. This is in agreement
with the results obtained by dielectric expansion dilatometry
(see Figure 4). For the lowest film thickness the whole curve is
shifted to higher temperatures. To analyze the temperature
dependence of the relaxation rate in more detail, a derivative

method is used.71 With this method the temperature
dependence of f p,α can be analyzed in detail irrespective of
the prefactor. For a temperature dependence according to the
VFT equation

= −
−

−
⎡
⎣
⎢⎢

⎤
⎦
⎥⎥

f

T
A T T

d log

d
( )

p
1/2

1/2
0

(6)

is obtained. This means in a plot [d log f p/dT]
−1/2 versus T a

VFT behavior shows up as a straight line (see inset of Figure 6).
Besides the linearization of the data, the number of free fit
parameters is reduced which increases the significance of the
estimated parameters. Because all experimental data given in
the inset of Figure 6 can be well described by straight lines, it is
concluded that for all thicknesses the relaxation rates follow the
VFT temperature dependence.
The following procedure was applied to estimate the

parameters of the VFT equation and the fragility strength D
for a quantitative comparison. T0 and A were taken from the
derivative technique by linear regression. The prefactors were
obtained by a fit of the VFT equation to the relaxation rates
keeping T0 and A fixed. The parameters are collected in Table

1. As discussed above for the thin films the investigated

temperature is narrower than for the bulk sample. This might

Figure 4. Circles: glass transition temperature Tg as measured by
dielectric expansion dilatometry versus film thickness. The dotted line
is a guide for the eyes. Stars: Vogel temperature T0 vs film thickness.
The solid line is a guide for the eyes.

Figure 5. Dielectric loss versus frequency of a polycarbonate film with
a thickness of 47 nm at T = 449 K. The solid line is a fit of eq 5 to the
data. The dashed line gives the contribution of the α-relaxation.

Figure 6. Relaxation rate fp,α versus 1/T for the α-relaxation of
polycarbonate films for the labeled film thicknesses. Lines are fits of
the VFT equation to the corresponding data as described in the text.
The inset gives [(d log fP,α)/dT]

−1/2 versus temperatures for labeled
thicknesses. Lines are linear regressions to the data.

Table 1. Estimated VFT Parameters and Glass Transition
Temperatures Tg

thickness
(nm) log( f∞ [Hz]) A (K) T0 (K) Tg (K)

D =
A/T0 ln(10)

bulk 13.22 573.4 385.0 418.5 0.646
198 9.82 242.4 406.5 419.8 0.259
165 9.68 225.3 406.6 420.7 0.240
128 8.91 190.0 407.9 420.8 0.202
95 8.95 181.9 408.8 421.8 0.193
47 8.60 169.8 410.0 423.2 0.179
35 8.24 163.8 413.1 423.3 0.172
27 8.34 131.8 416.7 424.5 0.137
19 8.20 119.4 422.7 430.3 0.122
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complicate a direct comparison of the data point for the bulk
with data for the thin films. But for the thin films a similar
temperature range is analyzed where the thickness of the
sample varies by more than 1 order of magnitude. Therefore,
the data for the thin films can be compared directly.
The Vogel temperature T0 shows a similar dependence on

the film thickness as the glass transition temperature Tg
estimated by dielectric expansion dilatometry which indicates
that both data sets analyzed independently from each other are
consistent. Down to a film thickness of ca. 20 nm, T0 is more or
less independent of the film thickness or increases slightly. For
thicknesses lower than 20 nm an increase of T0 with decreasing
d is observed (see Figure 4). For thicknesses lower than 20 nm
a strong increase of T0 with decreasing d is observed as also
found for other systems.12,42,44 This will be discussed in detail
later.
The fragility strength D is calculated from the estimated VFT

parameters and plotted versus 1/d in Figure 7. It is shown that

the fragility strength decreases with deceasing film thickness but
seems to reach a plateau value for low values of d.
The dielectric strength Δε is obtained in addition to the

relaxation rate from the fit of the HN function to the data. The
Debye theory of dielectric relaxation generalized by Kirkwood
and Fröhlich72 expresses this quantity as a function of the
temperature T

Δε =
ε

μ
g

k T
N
V

1
3 0

2

B (7)

The Onsager factor is omitted for sake of simplicity, ε0 is the
permittivity of the vacuum, N/V is the number density of
dipoles involved in the relaxation process, and μ is the mean
dipole moment of the process under consideration. g denotes
the so-called Kirkwood−Fröhlich factor, which describes static
correlation between the dipoles. For several layer thicknesses
Δε is plotted versus temperature in Figure 8.
In Figure 9, Δε is plotted as a function of the inverse layer

thickness (equivalent to the surface/volume ratio in the thin
film geometry) at T = 450 K. As a general feature of the α-
relaxation under confinement, the dielectric strength decreases
in the thinnest films. This trend was explained in terms of chain
adsorption,73 as the dipole moment does not depend on the

film thickness. The decrease of Δε is due to a strong reduction
of the number density of fluctuating dipoles in proximity of the
interface, a hypothesis also proven by measurements of the
local dielectric strength in multilayer experiments.36 In the
specific case of the polymer−metal system investigated, this
idea is further confirmed by the high interfacial energy between
polycarbonate and AlOx (see below), inhibiting the motion of
the segments close to the electrodes on the time and the length
scale of the glass transition.
The observed pronounced nonlinear reduction of the

dielectric strength upon increase of the surface-to-volume
ratio suggests the presence of a strong gradient of molecular
mobility along the distance from the metallic interfaces. To
understand such a profile, the impact of the thickness on the
temperature dependence of the dielectric strength was also
analyzed (see Figure 8).
Contrary to the prediction of eq 7 valid for the structural

relaxation of bulk systems, in thin films Δε increases with
increasing temperature, a behavior was previously observed also
in other polymer film of comparable thickness.42,43 This

Figure 7. Fragility strength D versus inverse film thickness. The line is
a guide for the eyes. The inset compares the data only for the thin
films. The line is a guide for the eyes.

Figure 8. Δε versus temperature for different film thicknesses: squares,
bulk; down side triangles, 198 nm; right side triangles, 128 nm; up
sided triangles, 95 nm; diamonds, 47 nm; crosses, 35 nm; stars, 27 nm;
full stars, 19 nm. The dashed line is a guide for the eyes. The dotted-
dashed line indicates for the temperature comparison.

Figure 9. Δε vs inverse film thickness for T = 450 K. The inset gives
Δε vs d. Lines are guides for the eyes.
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anomalous trend is the entanglement of two different
phenomena, i.e., the reduction of the number density of
fluctuating dipoles in proximity of a bounding interface coupled
to the impact of thermal energy on the defreezing of segmental
motion.74,75 Increasing the temperature induces a gradual
release of the constraints affecting the segmental dynamics,
which yields to the anomalous increase of dielectric strength
upon heating.
We quantitatively determined the temperature dependence

of the penetration depth of the interfacial interactions on the
structural relaxation, applying an analysis recently proposed by
Rotella et al.73 The profiles of mobility, based on the density
number of dipoles participating to the structural relaxation,
were built up mimicking the usual dependence of density in
proximity of an interface, via a function symmetric with respect
to the center of the film

Δε = Δε
ϕ

+ ρ

+ −
ϕ

+ ρ

−
ϕ

+ ρ

⎡
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⎛
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x

d x

d
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tanh 3

tanh 3

BULK 2

2

2

(8)

where x is the distance from the interface, φ the length scale of
the reduction of Δε, and ρ a parameter taking account the
residual polarization at the interface, as tanh2(ρ) = Δε(0)/
Δεbulk.
To obtain the best fitting parameter for each data set (i.e.,

Δε(d) in isothermal condition), the experimental data were
compared to values calculated via eq 8. The procedure required
the calculation of the total dielectric response of a film of
thickness d, via a layer resolved approach, whose validity is
supported by previous simulation work on the dielectric
relaxation at the nanoscale.76

The film is divided into d sublayers, i.e., with a resolution of 1
nm; at each sublayer, we attributed a dielectric function
reproduced by the HN equation (see eq 2). The position and
the shape of the peak of each sublayer are kept constant where
the dielectric strength is varied, following a profile given by
discretization of eq 8 in steps of 1 nm. Considering the
orientation of the electric field in our experiments (perpendic-
ular to the polymer/metal interface), the total dielectric
response was obtained summing up the contributions of all
the sublayers as for capacitors in series, CTOT

−1( f,T) =
∑jCj

−1( f,T), where Cj( f,T) is the capacitance of the jth
sublayer. In our computation, the value of ΔεTOT was obtained
directly from the real part of the dielectric function following its
definition77 as the difference between εS, the frequency
independent value reached by the real part of the dielectric
function for ω ≪ ω0, and ε∞. We considered a frequency range
broad enough to take into account the broadening of the
structural peak, i.e., a larger separation between the frequency
regions corresponding to εS and ε∞, and the shift in the peak
maximum upon confinement. Moreover, to limit the number of
free parameters, we kept the shape parameters and the position
of the peak in the sublayers constant. This is justified by our
previous work36,49 where we verified that in ultrathin films of
amorphous polymers the dielectric strength depends on the
interaction with the substrate and on the annealing conditions
used. (In the samples analyzed in our work γTOTAL was

constant, and samples were prepared under the same annealing
conditions.) This procedure is repeated for a matrix of couples
(φi, ρi) centered around physically reasonable starting
parameters and found the best fitting values for the
experimental values in Figure 10, upon minimization of the

squared deviations: Err = (1/nexp)∑i=1
nexp[(Δεith − Δεiexp)/

Δεiexp]2, where nexp is the number of the experimental data
points, i.e., the number of thicknesses measured at each
temperature, and Δεth and Δεexp are respectively the values of
the dielectric strength obtained via the model and exper-
imentally. The obtained values are plotted in Figure 10. At 443
K, φ reaches 90 nm, a value which is comparable to, although
slightly larger than, that of PET in the same dynamic range.
Compared to more flexible polymers, where φ does not exceed
40 nm, the relatively longer length scale reflects the rigidity of
the chains of PBAC. The less flexibility combined to the
previously mentioned arrangement of the phenyl rings parallel
to the electrodes induces a residual polarization at the interface
on the order of 20% of the bulk value, i.e., ρ ∼ 0.5, responsible
for the nonzero value of Δε in the thinnest films. The
temperature dependence of the penetration depth of the
interfacial interactions increases upon cooling with an activation
energy 10-fold smaller than the structural relaxation. Such a
trend is in line with what is observed in ultrathin films of
polystyrene labeled with polar moieties73 and what is predicted
by molecular dynamics simulations.78

The presence of a profile of mobility affecting the dynamics
of the film79,80 is reflected also in the thickness dependence of
the width of the α-peak, which broadens upon reduction of the
thickness (see Figure 11). This broadening arises from the
heterogeneity in the molecular dynamics, related to the
introduction of slower modes in the distribution of relaxation
times. At the polymer/metal interface, in fact, the mobility of
chains is hindered down to the segmental motion, due to less
available space81 and the favorable interactions with the
aluminum surface. The perturbations into the chain con-
formations responsible for such deviation from bulk dynamics
vanish after a dynamic length scale λ. It is possible to estimate λ
by an analysis of the thickness dependence of the broadening of
the α-peak in capped films, based on simple considerations on
samples with symmetric interfaces.82 In thick films, d ≫ λ, the
volume fraction of segments relaxing like in bulk is
predominant and the width is thickness independent. Upon
thickness reduction, the weight of interfacial layers on the total

Figure 10. Temperature dependence of the penetration depth φ.
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dielectric signal increases, and because of the different time
scale of the segmental relaxation at the interface,36 the α-peak
broadens in the frequency domain. Such a confinement induced
broadening reaches a maximum in proximity of 2λ, where the
bulk component disappears. Further reduction of the thickness
corresponds to a cutoff of those modes relaxing like in bulk,
which leads to a reduction of the broadening. For PBAC, in the
thickness range where it was possible to determine univocally
the shape of the structural peak, i.e., down to 19 nm, only a
broadening of the α-peak is observed. Consequently, we can
estimate that, at each interface, the interaction with the metallic
substrate affects the dynamics for a length scale λ ≤ 9 nm. This
critical length is in line with the trends in the thickness
dependence of Tg and T0 (see Figure 4) where no confinement
effect is observed for films where the separation between the
two metallic layers exceeds 20 nm.
Such a dynamic length scale is much smaller than that

determined via the thickness dependence of the dielectric
strength, a trend in line with the behavior of almost all polymer
systems investigated at the nanoscale.73 The origin of this
apparent discrepancy stays in the different averaging rules
affecting the intensity (Δε) and the shape (peak maximum,
broadness, asymmetry) of a relaxation peak,75 which permit to
observe a perturbation in the dynamics only at higher surface/
volume ratios (thinner films) compared to those of interest to
static properties like the dielectric strength.
To confirm the strong interaction between aluminum oxide

AlOx and polycarbonate, contact angle measurements were
carried out. The angle values are given in Table 2. The contact

angle values were used as input to calculate the interfacial
energy γSP in the frame of the Fowkes−van Oss−Chaudry−
Good (FOCG) model.83 The surface tension is given by γTotal =
γLW + γP = γLW + 2(γ+γ−)1/2, where γLW is the dispersive and γP

the polar component. The polar component is further
expressed by the electron acceptor γ+ and the electron donor
component γ−.83,84 γLW,γ+, and γ− were estimated by solving the
system of the corresponding Young and Dupre ́83 equations
(system of three equations)

+ θ γ

= γ γ + γ γ

+ γ γ

+ −

− +

(1 cos )

2[( ) ( )

( ) ]

i

i i

i

PC

PC
LW

L,
LW 1/2

PC L,
1/2

PC L,
1/2

(9)

using the contact angles θi measured for each test liquid i. PC
symbolizes polycarbonate and L the test liquids where the
corresponding values for the test liquids were taken from ref 84
(see Table 3). The values obtained for both aluminum and

polycarbonate are displayed in Table 4. The combining rule of
Good−Girifalco−Fowkes85 was applied to estimate γSP
between PBAC and AlOx

γ = γ − γ + γ γ

+ γ γ − γ γ − γ γ

+ −
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(10)

S and P refer to the substrate and the polymer. The data for
aluminum are taken from ref 42. The dispersive part of the
AlOx/PBAC is calculated to be 0.35 mJ/m2, and the polar one
is 2.16 mJ/m2, leading to a total energy of 2.51 mJ/m2. This
value is higher than the critical value discussed in ref 47 (γ*sp ≈
2 mJ/m2 for different couples of substrates and polymers),
corresponding to an increase of Tg as observed in the dielectric
experiments. The real interfacial energy could be however
higher than the calculated γSP due to the formation of chemical
bonds or specific interaction between Al and PBAC. The
interfacial chemical interaction between spin-coated polycar-
bonate and thermally evaporated aluminum has been studied
by X-ray photoelectron spectroscopy in detail.86 CO and C−
O entities of polycarbonate react with Al atoms to form an Al−
O−C like complex. Al−C bonding also forms due to the
interaction between phenyl ring and Al atoms. Aluminum oxide
(O−Al) and aluminum hydroxides (HO−A1) can be detected

Figure 11. Dielectric loss versus normalized temperature at 1 kHz for
different film thicknesses: squares, bulk; right side triangles, 95 nm;
diamonds, 47 nm; full stars, 19 nm. The lines are guides for the eyes.

Table 2. Contact Angle Values of the Test Liquids with
Polycarbonatea

ethylene
glycol formamide water

poly(bisphenol A carbonate) 67.6 ± 0.47 71.8 ± 0.7 93.0 ± 0.35
aThe error bars results from the average of the measurements on 8
drops.

Table 3. Total Surface Energy γTotal and Its Dispersive γLW

and Polar Component γP for the Test Liquids According to
the Data Given in Ref 84

ethylene glycol formamide water

γtotal [mJ/m2] 48.0 58 72.8
γLW [mJ/m2] 29 39 26
γ+ [mJ/m2] 2.60 3.1 34.2
γ− [mJ/m2] 34.8 29.1 19

Table 4. Total Surface Energy γTotal and Its Dispersive γLW

and Polar Component γP for Polycarbonate and Aluminum
Oxidea

γtotal

[mJ/m2]
γLW

[mJ/m2]
γ+

[mJ/m2]
γ−

[mJ/m2]

poly(bisphenol A
carbonate)

33.21 32.95 0.03 0.56

aluminum 30.4 26.5 0.5 7.7
aThe data for aluminium were taken from ref 42.
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at the Al/PBAC interface. The formation of these chemical
bonds contributes to the attractive interfacial interaction
between PBAC and Al layers.
To discuss the dielectric data in more detail, the loss part is

plotted at a frequency of 1 kHz versus temperature for the bulk
sample and for films with different thicknesses (Figure 12).

Compared to the bulk sample for the thin film, the dielectric
loss is significantly increased for temperatures below the α-
relaxation.87 By convention, a glass transition temperature can
be defined by the maximum temperature of the α-relaxation
which corresponds only to one point of the whole spectra. Any
finite value of the dielectric loss corresponds to certain
molecular fluctuations or motions (see ref 88). It might be
that different aspects of the molecular mobility which leads to
different definitions of the glass transition temperature and
therefore to different thickness dependencies.
Thickness Dependence of the β-Relaxation. In addition

to the facts discussed above, Figure 12 reveals also that the
intensity of the β-relaxation peak decreases with the decreasing
film thickness and cannot be observed for thinnest film. As
discussed above, the β-relaxation is assigned to different
motional modes of the phenyl ring. The observed decrease in
the intensity of the β-process means that the phenyl rings are
immobilized by the polymer−substrate interaction. Likely is a
planar arrangement of it to the surface. A reduction of the
localized fluctuation in ultrathin polycarbonate films was also
observed by neutron scattering.10 Moreover, such a depression
of the β-relaxation strength is in good agreement with previous
dielectric studies of PMMA.89

4. CONCLUSION

Ultrathin films of poly(bisphenol A carbonate) capped between
two aluminum layers were studied by dielectric expansion
dilatometry and dielectric spectroscopy. The thermal glass
transition temperature is more or less independent of the film
thickness down to 20 nm. An increase of Tg is observed when
the film thickness is lower than 20 nm. This is in agreement
with the thickness dependence of the Vogel temperature. It is
further found that the fragility decreases with decreasing film
thickness until a plateau value is reached.
To explore the interaction of polycarbonate with aluminum

surface, the dielectric relaxation strength was estimated from

the measurements. It is proportional to the dipole density
taking part in the α-relaxation process. A pronounced nonlinear
reduction of the dielectric strength with decreasing film
thickness was observed, which is attributed to the formation
of a reduced mobility layer at the interface. Polycarbonate
chains in the proximity of the interface have adsorption to the
aluminum surface due to the strong interfacial interaction. The
interfacial energy between polycarbonate and aluminum layers
is quantitatively determined by contact angle measurements
and related calculations. With further analysis based on the
impact of the thickness on the temperature dependence of the
dielectric strength, the temperature dependence of the
penetration depth of the interfacial interactions on the
structural relaxation is determined. The broadening of the α-
peak with decreasing thickness is due to the heterogeneity in
the mobility induced by the interaction of the segments with
the surfaces. A dynamic length scale of the surface
perturbations of the chain conformations is estimated to be
smaller than 9 nm. This is in agreement with the thickness
dependence of the glass transition and the Vogel temperature.
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